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Abstract

The growth of high-quality ITI-nitrides by plasma-assisted molecular beam epitaxy on Si(1 1 1) substrates is addressed.
A combination of optimized AIN buffer layers and a two-step growth process leads to GaN layers of high crystal quality
(8 arcmin X-ray diffraction full-width at half-maximum) and flat surfaces (57 A rms). Low-temperature luminescence
spectra, dominated by excitonic emissions at 3.465 4+ 0.002 eV, reveal the presence of a biaxial tensile strain of thermal
origin. AlGaN layers, grown within the alloy range 0.10 <x < 0.76, have flat surfaces and exhibit strong excitonic
luminescence. Si-doping of GaN and AlGaN produces n-type films reaching electron densities up to 2 x 10'° and
8 x 10'° cm 3, respectively. From photoluminescence and Hall data analysis a Si-donor ionization energy between 50
and 60 meV is derived in GaN. The exciton bound to Si neutral donors at 3.445 eV redshifts while the c-axis lattice
parameter decreases as the Si-doping increases, indicating an enhancement of the biaxial tensile strain in the film. This
strain increase is a consequence of a strong reduction of the density of dislocations reaching the free surface, due to
a particular grain size and orientation governed by the presence of Si donors. Be-doping is also achieved on GaN giving
the shallowest acceptor activation energy reported so far, around 90-100 meV. However, there is a severe limitation of
the Be incorporation on substitutional sites, leading to the formation of complex, deep defects. © 1999 Elsevier Science
B.V. All rights reserved.
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1. Introduction

Group IlII-nitrides are being largely exploited for
commercial fabrication of blue light emitting
diodes (LED) and room temperature cw operating
laser diodes (LD) with lifetimes over 8000 h [1].

*Corresponding author. Tel.: + 34-1-336-7315/7322; fax:
+ 34-1-336-7323; e-mail: calleja@die.upm.es.

Although the main advances relate to nitrides
grown on substrates like sapphire and SiC by metal
organic vapour-phase epitaxy (MOVPE), the
growth of wurtzite III-nitrides by molecular beam
epitaxy (MBE) on Si(1 1 1) is quite appealing due
to the doping capability, crystal quality, thermal
stability, and potential integration offered by these
unexpensive substrates. The quality of III-nitrides
grown on Si(1 1 1) using electron cyclotron reson-
ance (ECR) [2,3], or radio frequency (RF) [4]
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nitrogen plasma sources, or by direct decomposi-
tion of ammonia on the substrate [5], has been
significantly improved in the past few years. The
high quality of the III-nitrides grown on Si(1 1 1) is
backed by the achievement of devices like field-
effect transistors [6], Schottky-barrier ultraviolet
detectors [7], and blue LEDs [§].

This work will review the main achievements on
the Ga(Al)N growth by MBE on Si(1 1 1) substra-
tes as well as on the optical, transport, and doping
properties. Crystal morphology is assessed by
atomic force microscopy (AFM), scanning, and
transmission electron microscopy (SEM, TEM).
Crystallinity and mosaicity is characterized by X-
ray diffraction (XRD), TEM, and high-resolution
electron microscopy (HREM). Transport and op-
tical properties in undoped and doped (Si, Be)
Ga(AlN are analyzed by Hall effect and secondary
ion mass spectroscopy (SIMS), and by low-temper-
ature continuous-wave and time-resolved photo-
luminescence (PL).

2. Growth optimization of AIN buffers on Si(1 11)

The growth of wurtzite III-nitrides on Si(1 1 1)
substrates follows a standard cleaning procedure
by a modified RCA method. The substrates are
then mounted on In-free molyblock holders, loaded
into the MBE system and outgassed at
850°C-900°C for 30 min to remove the native ox-
ide. A 1 x1 RHEED reconstruction with promin-
ent Kikuchi lines is then observed, that turns into
a 7x7 reconstruction at 750°C, typical of clean
Si(1 1 1) surfaces. The nitrogen is generally pro-
vided by pure ammonia or by a plasma source, in
our case, a RF Oxford CARS25 with an optical-
detector system that allows to keep the amount of
active nitrogen constant. More details about the
system setup are given in Ref. [4].

When a GaN layer is grown directly on the
cleaned Si(1 1 1) surface, a thin amorphous layer
develops in between, most probably Si.N, gener-
ated by reaction of the Si surface with the active
nitrogen. The formation of such amorphous layers
was reported by Ohtani et al. [2] and by Stevens et
al. [9]. Fig. 1 shows that above the amorphous

Fig. 1. HRTEM micrograph showing the development of an
amorphous, thin (20-30 A) Si,N, layer at the GaN/Si(111)
interface.

layer the GaN grows keeping a crystalline struc-
ture, but the result is a polycrystal with FWHM
values from XRD measurements between 70 and
100 arcmin. A way to avoid this amorphous layer
formation is to start the growth with an AIN buffer
layer, because the bond formation between Al and
N atoms prevails over the Si-N one. Simulta-
neously, the AIN buffer layer strongly favours the
subsequent growth of the GaN layer, because there
is a match between atomic planes of Si and AIN
following a 4 : 5 ratio [6]. Very nice results showing
abrupt interfaces between the AIN layer and the
Si(1 1 1) substrate have been obtained by MBE
using an ECR plasma source [3]. Another method
to prevent an amorphous layer formation is to
deposit a few Al monolayers on the clean Si surface
before turning the plasma source on, then, an
AIN buffer layer is grown. The effect of the Al
monolayers, grown epitaxially on Si(111) [11],
was checked on a GaN layer grown on top
giving best XRD-FWHM values of 10 arcmin and
a root mean-square (rms) surface roughness of
13nm [10] (Fig. 2a). Following this procedure
very sharp AIN/Si(1 1 1) interfaces are achieved
(Fig. 2b).

In addition to an AIN high crystal quality, a very
flat surface is required in order to achieve a two-
dimensional (2D) GaN growth, since steps and
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Fig. 2. (a) 6-20 XRD-FWHM of GaN layers grown on AIN-
buffered Si(1 1 1) as a function of the Al coverage. (b)) HRTEM
micrograph of a sharp and clean AIN/Si(1 1 1) interface.

terraces are found to promote inversion domain
boundaries [12-14] and to develop cubic GaN
inclusions embedded into the hexagonal matrix
[15-18]. These cubic inclusions are present in AIN
(Fig. 3), but in all cases these cubic inclusions re-
main near the interface and do not reach the free
surface. In some cases, a rotation of the AIN planes
driven by substrate steps has been reported [3,19].
These rotated grains may contribute to the genera-
tion of threading dislocations that propagate into
the upper layers.

In order to optimize the AIN buffer layer, the
growth temperature and stoichiometry have to be

Hexag. AIN

Fig. 3. HRTEM micrograph indicating the presence of cubic
inclusions embedded in the hexagonal matrix for AIN layers.

carefully considered. Fig. 4 represents the AIN
growth rate as a function of the Al flux (beam
equivalent pressure, BEP) for three different
amounts of active nitrogen [4,20]. A common fea-
ture is the saturation of the growth rate at a given
Al flux, that defines a stoichiometric condition.
Below this point the growth proceeds under N-rich
conditions and above it there is an Al-rich regime
that may eventually lead to Al droplets formation.
When the growth takes place near stoichiometry,
optimum AIN buffers are obtained in terms of
surface flatness (Fig. 5) and crystal quality (Fig. 6)
at growth temperatures around 850°C [20]. Lower
growth temperatures lead to an increasing surface
roughness and to polycrystals [21]. This is a quite
different approach as that generally followed in
MOVPE-grown AIN buffers, that are first depos-
ited at rather low temperatures ( < 500°C) and
then recrystallized at a much higher temper-
ature (above 1000°C). The main result from Fig. 6
(10 arcmin XRD-FWHM) has to be compared
with previous reports by Stevens et al. [9] (26
arcmin), by Meng et al. [22] (51 arcmin), and re-
cently by Yasutake et al. [237] (55 arcmin), that used
the same approach of Al coverage prior to the AIN
buffer growth. It is worth to mention that XRD
spectra in Fig. 5 were obtained from 6/20 scans
with a wide open detector, that give very close
FWHM values as those derived from rocking curve
scans [20].
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Fig. 4. AIN growth rate as a function of the Al flux (BEP) for three different amounts of active nitrogen. Solid lines are guides
to the eye.
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Fig. 5. AFM surface roughness evolution (rms) of AIN layers as a function of the Al flux. (a) 7.6 nm (slightly above stoichiometry);
(b) 8.5 nm (near stoichiometry); (c) 44 nm (low N-rich conditions) and (d) 79 nm (high N-rich conditions).



300

E. Calleja et al. | Journal of Crystal Growth 201/202 (1999) 296-317

12000 1 T T T ] 1 1
11000 - 111 Si -
10000 - 00.2 AIN .
9000 |- .
—~ 8000 | -
£
S 7000 - -
8 000 | .
2 5000 - ¢, (BEP) (Torr) FWHM (arc.min.) |
7} P —_—
c 4000 | ) |
o 4.5x107 10
C 3000 [ - X3 A
- 3.3x10° 10"
2000 | - p -
1000 L 2.0X10~8 I x3
ol 9.7x10 36 x5 |
1 1 ] 1 1 ] 1
13 14 15 16 17 18 19 20
0/26 (°)

Fig. 6. High-resolution XRD spectra from AIN layers grown at different Al fluxes for a given amount of active nitrogen. Open detector

configuration.

3. Growth optimization of GaN on AIN buffered
Si(111)

High-quality GaN layers are grown on opti-
mized AIN buffers on Si(1 1 1) for specific growth
conditions. Fig. 7 shows the GaN growth rate ver-
sus the Ga flux for temperatures between 660°C
and 770°C and a given amount of active nitrogen
[4,33]. Unlike the AIN case, raising the growth
temperature needs a higher Ga flux to reach the
same growth rate, indicating that a substantial Ga
desorption takes place at the surface. An estimation
of the activation energy of this desorption process
gives 2.2 eV, in very good agreement with data by
Guha et al. [24]. A steep increase of the Ga desorp-
tion rate was found earlier for growth temperatures
above 700°C by Powell et al. [25] and Yu et al. [26]
in GaN grown by MBE on sapphire substrates.

Depending on the effective III-V ratio, taking
into account the Ga-desorption rate, the morpho-
logy of the GaN layers changes dramatically.
N-rich conditions lead to highly columnar, whisker-
like morphologies (Fig. 8) where the columns are
aligned along the (0 0 0 1) direction having an aver-
age diameter of 60 nm and a height that depends
only on the growth time/rate[4]. Similar results are

obtained independently of the buffer layer and sub-
strate used (Fig. 8), but always under N-rich condi-
tions.Yoshizawa et al. [27] report columnar GaN
grown by RF-MBE on sapphire where, apparently,
this morphology appears under a Ga-rich regime,
but the growth takes place at 800°C at which there
must be a huge Ga desorption. The columnar struc-
ture has already been reported to be typical, under
given growth conditions, of highly mismatched sys-
tems [28], and the driving mechanisms seem to be
related to the Ga adatom diffusion that is strongly
reduced under N-rich conditions [29]. Early re-
ports on columnar growth were given by Gaskill
et al. [30] in GaN grown by MOVPE using hy-
drazine as nitrogen source.

When the growth proceeds at stoichiometry or
Ga-rich conditions the GaN layer becomes
compact, as it is shown in Fig. 9a. Changes in
morphology as a function of the III/V ratio are
reproducible, and mixed GaN layers, first compact
and then columnar can be grown starting at
stoichiometry and following with a steep reduction
of the Ga-flux. The density of columns depends on
how far this second growth step lies from stoichio-
metry (Fig. 9b and Fig. 9c). Notice that the col-
umn height depends only on the growth time/rate.
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Fig. 7. GaN growth rate as a function of the Ga flux (BEP) for three different substrate temperatures and a given amount of active
nitrogen. Solid lines are guides to the eye.

Fig. 8. Cross-sectional SEM micrographs of GaN layers grown by MBE under N-rich conditions: (a) directly on Si(1 1 1); (b) on
AlIN-buffered Si(1 1 1) and (c) on Al,Os;.
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Fig. 9. Morphology of GaN layers as a function of the III/V
ratio as observed by SEM photographs: (a) under slightly Ga-
rich conditions or at stoichiometry; (b) and (c) mixed GaN
layers, first compact and then columnar with increasing column
density as the III/V ratio becomes more N-rich.

It is worth to mention that columnar GaN layers
are fully relaxed from lattice and thermal strain,
having a very high crystal quality characterized by
strong and narrow excitonic PL [31]. However, the

columnar structure may restrain or even inhibit
parallel conduction due to potential barriers (grain
boundaries) and/or physical isolation between col-
umns. This point will be considered in Section 5,
where the transport properties are addressed.

A further improvement in crystal morphology
and quality can be achieved following a two-step
growth method [107: an initial GaN growth at slow
rate by pulsing the Ga shutter, that promotes the
coalescence of 3D islands, then, a second step at
a nominal rate of 0.5 um/h. Fig. 10 shows the evolu-
tion of RHEED pattern, that reveals a clear x2
reconstruction during the GaN layer growth [55].
By means of an optimized AIN buffer and the
two-step GaN growth mode, a surface roughness of
6 nm (rms); XRD-FWHM values of 8 arcmin; very
strong and narrow (15 meV) excitonic low-temper-
ature PL; residual n-type concentrations of
2x10'7 cm™3; and the absence of yellow lumines-
cence have been recently reported [10,32,33]. The
crystal quality improvement is clearly observed in
Fig. 11a and Fig. 11b in terms of XRD-FWHM
values and low-temperature PL spectra. Previous
results on GaN layers reported XRD-FWHM
values of 22 arcmin by Ohtani et al. [2], 36 arcmin
by Meng et al. [22], and 50 arcmin by Kung et al.
[34]. PL spectra in Fig. 11b have best line widths of
15 meV, as compared to previous values of 23 and
20 meV by Ohtani et al. [2] and Godlewski et al.
[5], respectively. Hellman et al. [35] report on
GaN layers grown on optimized AIN buffers de-
posited in a different way, starting at 500°C, then,
raising steeply the temperature to the optimal
value, slightly below the RHEED 7x7 to 1x1
transition (830°C). GaN layers grown on top of
optimized AIN bulffers, following the different pro-
cedures described [10,35] have flat surfaces slightly
ondulated and dislocation densities in the mid-
10° cm ™2 range (Fig. 12a and Fig. 12b). However, the
GaN surface becomes much rougher when a non-
optimized growth leads to a higher dislocation den-
sity. It is worth mentioning that in such cases the
“V”-shaped profiles are related to threading dislo-
cations (Fig. 12¢) in a way that reminds the surface
striation in metamorphic InGaAs/GaAs hetero-
structures [36]. Optimized GaN layers show a x 2
reconstruction (Fig. 10), a rather flat surface (Fig.
12a and Fig. 12b), and a very small wet etching rate,
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Fig. 10. RHEED pattern evolution during the growth of optimized GaN/AIN/Si(1 1 1) structures. (a) 7 x 7 reconstruction of the clean
Si(1 1 1) substrate; (b) 1 x 1 reconstruction of the AIN buffer layer; (c) through (e) different stages of GaN growth and (f) during the
cooling down stage. A 2 x 2 reconstruction is clearly observed after aproximately 1 h of growth and during the cooling process.

all of them being features associated to Ga-termin-
ated surfaces[37,38].

Different approaches have been tried to grow
high-quality GaN layers on Si substrates. Yang
et al. [39] reported 25 arcmin XRD-FWHM values
using a strained AIN/GaN superlattice buffer. GaN
was grown on thin SiC layers obtained by carbon-
ization of a silicon-on-insulator (SOI) [39,40] sub-
strate. Nitridation of composite substrates like
(11 1)GaAs/Si was used to grow AIN/GaN(In) het-
erostructures with strong room temperature PL
[41]. GaN has also been grown on Si substrates
with an intermediate thin aluminum oxide layer
(“compliant” substrates), either deposited by
LPCVD [42] or converted from AIN by selective
oxidation [43]. Results from these approaches are
in general far from the state of the art.

4. Growth of AlGaN layers on AIN buffered
Si111)

High-quality AlGaN layers have been grown at
770°C on optimized AIN buffers, with Al contents

ranging from 10% to 76%. The Al mole fraction
follows a linear relationship with the Al flux (BEP)
as shown in Fig. 13. A sharp x 2 surface reconstruc-
tion is observed along the growth, characteristic of
a 2D growth mode, leading to smooth surface mor-
phologies that do not degrade with increasing Al
mole fraction, as it is seen in Fig. 14. XTEM imag-
ing shows a very smooth surface for a 11% AlGaN
layer (Fig. 15). As in the case of GaN, cubic grains
embedded in the hexagonal matrix were found
located near the AlGaN/AIN interface, but not
reaching the free surface. A high density of planar
defects that stop at the grain boundaries was also
observed. Best surface roughness values from AFM
measurements give 33 A (rms).

Fig. 16 shows a typical low-temperature PL
spectrum of an AlGaN layer with dominant ex-
citonic emissions, that follow the bandgap depend-
ence with the Al mole fraction assuming the bowing
factor given by Brunner et al. [44,45]. Notice that
there is no presence of the yellow band. There is
a controversy regarding the bandgap dependence
with the Al mole fraction, that some authors re-
ported to follow a linear relationship in thick
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Fig. 11. (a) High-resolution XRD spectra of GaN layers after
different optimization processes: (i) grown on top of a non-
optimized AIN buffer; (i) using an optimized AIN buffer, and
(iii) using an optimized AIN buffer layer and a two-step GaN
growth mode (see text). (b) Low-temperature PL spectra corre-
sponding to the samples in (a).

AlGaN layers grown on sapphire [46,47], whereas
in other cases it was found to bow downwards
[48-507]. More recently, a downwards bowing has
been measured in AlGaN samples covering the
whole composition range, either grown on sapphire
by MBE [44,45] or on 6H-SiC by MOVPE [51],

using different techniques to precisely determine
the Al composition. Similar results were reported
by Huang et al. [52] in AlIGaN grown on sapphire
by pulsed laser deposition. On the other hand,
a linear relationship was determined for a smaller
Al mole fraction range (0 <x < 0.3) in AlGaN
grown on sapphire by MBE [53] and by MOVPE
[54], although in the later case the AlGaN was
grown on top of a 2 um thick GaN layer. When
AlGaN layers are under thermal strain, a simple
XRD measurement of the c-axis lattice constant
may underestimate (compressive strain) or over-
estimate (tensile strain) the Al mole fraction, as
it is the case of the AlGaN layers shown in Fig. 16b.
Assuming biaxial tensile strain values in AlGaN
(for x <0.3) similar to those found in GaN
layers grown on Si(1 11) [55], the relative shift
in c-axis lattice parameter due to the strain is
about 0.03%. On the other hand, from the linear
dependence between the c-axis lattice parameter
and the Al% [52,537], a 0.04% change in ¢ corres-
ponds roughly to 1% Al. Accordingly, data in Fig.
16b should be shifted to 1% lower Al mole frac-
tions, but the bowing factor is not significantly
affected.

FWHM values from XRD data in AlGaN/AIN/
Si(1 1 1) layers are between 16 and 22 arcmin for all
Al mole fractions considered, being higher than
those of GaN layers. These values are halfway
between those reported by Huang et al. [52] in
AlGaN/Al,O; grown by pulsed laser deposition
(25-30 arcmin) and by Angerer et al. [44,45] by
MBE (15 arcmin), but much higher than those
given by Li et al. [56] (2 arcmin) in AIGaN grown
by gas-source MBE on top of 2 um thick GaN
layers. The AlGaN growth temperature in the refer-
red works was between 800°C and 1000°C, and
better results are expected for AIGaN on Si(1 1 1)
substrates raising the temperature from 770°C and
adjusting the III/V ratio because, as it was found
for AIN buffers (Fig. 4), a growth close to
stoichiometric conditions leads to smoother surfa-
ces. It is worth mentioning that, because of their
smooth surfaces, AlGaN layers were used as buffers
to grow GaN on top, and preliminary results show
a significant improvement of the GaN surface mor-
phology as compared to the best results discussed
in Section 3.



GaN

AIN

Si

. Calleja et al. | Journal of Crystal Growth 201/202 (1999) 296-317

©

305

Fig. 12. HRTEM micrographs of GaN/AIN/Si(1 1 1) samples: (a) from Ref. [35]; (b) GaN layer grown on optimized AIN buffer, and

(c) nonoptimized growth (see text).

o 9o
N

o
[

Al mole fraction (XRD data)
© © o o o
- N w N [4;]

o
=)

Fig. 13. Al mole fraction (from XRD data) dependence on the Al flux for a given Ga flux.

T T T T T T T T T T T T

m  Ga flux 2.5e-6 Torr

T

o subst

=770°C

Al flux (BEP) (Torr)

5,0x10% 1,0x107 1,5x107 2,0x107 2,5x107 3,0x107 3,5x107



306 E. Calleja et al. | Journal of Crystal Growth 201/202 (1999) 296-317

1 um

Fig. 14. SEM micrographs of AlGaN layers with different Al compositions: (a) 11%; (b) 14%; (c) 46%; and (d) 76%.

Fig. 15. XTEM image of an Al,;;GagoN layer grown on an
AIN-buffered Si(1 1 1) substrate.

5. Transport properties in undoped GaN layers

As it was shown in Fig. 7, the saturation of the
GaN growth rate versus Ga flux determines the

stoichiometry point that delimits two distinct
growth modes, N-rich and Ga-rich leading to quite
different crystal morphologies (Section 3). Room
temperature Hall measurements were first per-
formed in undoped samples without AIN buffers
[33], and the carrier concentration, conductivity
type, and mobility values are shown in Fig. 17.
Samples grown at 660°C have an n-type conductiv-
ity strongly dependent on the Ga flux. Sharp elec-
tron density changes, driven by an increasing
N flux from conductive to semi-insulating, were
already reported in MBE-grown GaN/Al,O;
[57,58]. In our case, the low conductivity found in
samples grown at 660°C under low Ga flux (N-rich)
may be due to the columnar morphology typical
for these growth conditions [33] (Fig. 8). The very
high electron densities reached in samples grown
at 660°C under Ga-rich conditions cannot be
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accounted for by contamination (O, Si, C), but
most likely by native defects. Indeed, samples sub-
jected to a rapid thermal annealing (RTA) under
a N, atmosphere show no electron density increase,
whereas a clear enhancement is observed when the
RTA is performed under an Ar atmosphere
(Fig. 18). These results point to native defects, most
likely Vy, as the most probable origin of the resid-
ual n-type conductivity.

Samples grown at higher temperatures
(> 700°C) show an apparent p-type conductivity
with no dependence on the growth regime, either
N-rich or Ga-rich (Fig. 17a). This apparent p-type
conductivity has no relation with the GaN layer,
but with a parallel conduction path through a high-
ly conductive p-type channel at the GaN/Si(1 1 1)
interface generated by a Ga/Si interdiffusion pro-
cess, since Ga is a shallow acceptor in Si. SIMS
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Fig. 17. (a) Room-temperature Hall-carrier density versus Ga
flux for undoped GaN layers grown without AIN buffer.
(b) Room-temperature Hall mobility versus carrier density for
undoped GaN layers in (a). Solid lines are theoretical fits with
NA/Np compensation ratios of 0 and 0.4 after Ref. [58]. Dashed
line is a guide to the eye.

measurements reveal this diffusion process with
onset temperatures around 600°C, and temper-
ature-dependent Hall measurements have deter-
mined the Ga and Al acceptor ionization energies
in GaN/Si(111) and GaN/AIN/Si(11 1) respec-
tively [33]. This diffusion process makes Hall data
unreliable in most GaN samples, even grown on
AIN buffered Si(111). In order to estimate the
residual n-type conductivity in GaN samples
grown above 700°C, Schottky barriers have been
fabricated on top of the layers. From the slope of
the reciprocal capacitance versus reverse voltage
plot, a donor concentration around 2 x 107 ¢cm 3
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Fig. 18. Temperature dependence of the electron density for
undoped n-type GaN layers after different rapid thermal anneal-
ing (RTA) processes.

is derived. The same value is obtained in samples
where the Si(1 1 1) substrate and AIN buffer were
previously removed by chemical etching.

The electron mobility values in Fig. 17b (samples
grown at 660°C) follow qualitatively the theoretical
model [59], but they are 10 times lower than those
reported for GaN on sapphire [60,61]. Compensa-
tion alone cannot account for such low mobilities
and a strong scattering process due to a high dislo-
cation density must be present [62,63]. Indeed,
these layers, grown without AIN buffer, were rather
polycrystalline with XRD-FWHM values between
70 and 100 arcmin (Section 2). Mobility values
derived from Hall measurements in optimized GaN
layers on AIN buffers are unreliable because of the
parallel conduction at the interface already men-
tioned.

6. Photoluminescence in undoped GalN layers

Optimized GaN layers grown as described in
Section 3 display low-temperature PL spectra dom-
inated by intense emissions from 3.463 to 3.467 eV
with 15 meV line width (Fig. 19) and no yellow
band is present. For a given sample, the energy
position of the dominant peak does not shift with
excitation power, showing no intensity saturation
within a power range of 0.01-10 mW, and its

0,10 T T T T
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0,06 1
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x1000
0,02 - 4

0,00 . . ]
1,5 2,0 2,5 3,0 35
Energy (eV)

Fig. 19. Low temperature PL spectrum of an undoped GaN
layer grown on AIN/Si(1 1 1).

temperature dependence fits accurately that of the
bandgap, following the model by Fan [64]. Time-
resolved PL spectra tuned at 3.464 eV have ex-
ponential decays with lifetimes of 150 ps which are
similar to those observed for the free exciton
A (FXA) at 3.478 eV and the DBE at 3.472¢V in
relaxed, columnar GaN layers on Si(1 1 1) [31,33].
These results lead to conclude that the emission at
3.465 + 0.002 ¢V (Fig. 19) correspond to the FXA
or DBE transitions in GaN under residual biaxial
strain of thermal origin. The c-axis lattice para-
meter of these samples has been measured by XRD
at room temperature, thus, the biaxial residual
strain at low temperature is determined and related
to the PL excitonic emission measured at 4 K.
Taking the relaxed value of the c-axis lattice para-
meter (c,) equal to 5.1856 A [65], the strain at low
temperature can be expressed by a linear aproxima-
tion as

& T) = £,,(300)(1 + (300 — T)(Tc — 300)), (1)

with ¢,, = (¢ — ¢,)/c, and T the growth temper-
ature. The PL emissions at 3.465 4+ 0.002 eV are
very close to the FXA position (some 6-7 meV
below) under biaxial tensile strain determined by
Shikanai et al. [66] (Fig. 20a). This may indicate
that, eventhough the intensity of this emission does
not saturate with the excitation power in the range
studied, it might relate to a DBE transition rather
than to the FXA, although both transitions may be
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morphology).

present within the 15 meV wide PL peak (Fig. 19).
Further evidence is obtained from the correlation
of the PL emission energies with the measured
c-axis lattice parameter [67], that gives a very good
fit when considering DBE transitions (Fig. 20b).
For these undoped samples under biaxial tensile
strain, the bandgap energy can be estimated from
the PL band edge emissions, taking into account
the binding energy of the FXA and the energy
difference between the FXA and DBE transitions
(6-7 meV). Since the strain does not modify the

heavy hole mass in GaN [66], we will consider
the binding energy of the relaxed FXA measured
from the thermal quenching of its intensity in an
undoped, relaxed (columnar) GaN layer grown
on Si(1 1 1) [31] that is 25 + 2 meV (Fig. 20c), in
very good agreement with previous values of
26.1 meV [68,609] and 26.7meV [70]. Then,
depending on the nature assumed for the excitonic
PL emissions at 3.465e¢V (FXA or DBE), a
bandgap energy between 3.491 and 3.497¢V is
obtained.
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7. Si-doped Ga(Al)N layers on AIN buffered
Si111)

Several Si-doped GaN layers, all 1um thick, were
grown at 760°C on Si(111) substrates, using
0.5 um thick, high-temperature (910°C) AIN buf-
fers. Fig. 21a shows the low temperature PL spectra
of these samples, where the dominant peak at
around 3.45eV redshifts while the c-axis lattice
parameter decreases, as the Si-doping density
increases. For Si-doping densities above
5x10'® cm ™3 the dominant PL peak blueshifts
and broadens as a consequence of the band filling
and potential fluctuations due to the random distri-
bution of Si impurities [71-73]. Similar PL red-
shifts, reported in Si-doped GaN/Al,O; layers as
a function of the Si-doping level, were interpreted in
terms of compressive biaxial strain relaxation,
either by generation of Si-related defects [74] or by
a reduction and random distribution of the disloca-
tion density [ 75], being both interpretations some-
how discrepant. A band renormalization was
proposed by Zhang et al. [76] to explain this red-
shift, neglecting changes of the compressive resid-
val strain because of the nominally equal layer
thicknesses. However, Fig. 21a shows that GaN
layers with the same measured thickness (1 pm) do
have different residual strain due to different Si-
doping densities. Very recently, Oh et al. [71] sug-
gested potential fluctuations by impurities or local
defects, as well as hydrostatic strain due to atomic
size differences between Si and Ga atoms as the
main reasons for the PL redshift. However, the PL
redshift in Fig. 23 is observed for Si-doping levels as
low as 1.7 x 107 cm ™3, so that, lattice distortion by
impurities or nonstoichiometric defects [77], hy-
drostatic strain by point defects [78], or lattice
expansion by heavy Si doping [79] cannot be in-
voked, since in all cases densities above
1 x 10* cm™? are required.

The PL redshift together with the c-axis lattice
parameter reduction, observed in Fig. 21a as the
Si-doping level increases, point to an enhancement
of the biaxial tensile strain. This is in contrast with
reports of similar PL redshifts observed in
GaN/Al,0; layers, where the biaxial compressive
strain is relaxed, either by the generation of point
defects [74] or by a reduction of the threading
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Fig. 21. (a) Low-temperature PL emissions of Si-doped GaN
layers as a function of the Si-doping. The values of the c-axis
lattice constant are derived from XRD data. (b) Low-temper-
ature PL  spectrum of a Si-doped GaN sample
(n = 1.7 x 10'° cm ~3). Notice that there is no yellow band pres-
ent in the spectrum.

dislocations reaching the free surface [ 75]. Lee et al.
[73] pointed out that a dislocation density reduc-
tion would increase the strain instead of relaxing it.
However, a more homogeneous (random) distribu-
tion of a lower dislocation density may relax more
efficiently the residual strain. The Si-doping would
affect the dislocation structure, either by modifying
the atom mobility and/or the number of growth
islands during the initial GaN growth stages [75].
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We have found a strong reduction in the density
of threading dislocations for Si doping levels above
1x10'"® cm ™3, almost an order of magnitude as
compared to undoped layers (from 6x10°-
8 x 10® cm ™~ ?). This dislocation density reduction is
due to a particular orientation and size of the
crystal subgrains, namely, by an increase of the
“out plane” (tilt) subgrain misorientation, together
with an increase in the density of planar defects.
A tilt increase will promote dislocations parallel
to the growth plane. Both, the planar defects
and the dislocations parallel to the interface
will force the threading dislocations to bend by
interaction, so that, a significant reduction of the
dislocations reaching the free surface will occur
[59,80].

The increase of the PL spectra intensity with the
Si-doping and the main peak energy position
difference, as compared to that of undoped GaN
layers (Fig. 19), suggest that the dominant peak
in Fig. 21a is related to Si-donors. Fig. 21b shows
the PL spectrum of a Si-doped GaN sample
(1.7x10' ecm~? in Fig. 21a) where, besides the
main peak related to Si-donors, a donor-acceptor
pair (DAP) transition and its first phonon replica
are observed, most probably involving carbon ac-
ceptors. Notice that there is no yellow band present
in the spectrum. The main peak at 3.457 eV follows
the bandgap temperature dependence and its inten-
sity tends to saturate within a power range of
0.01-10 mW, but there is no energy shift, when
increasing the excitation power density. In addi-
tion, time-resolved PL decays show exponential
and fast slopes, similar to those corresponding to
the DBE transition in relaxed, columnar GaN and
undoped compact GaN layers [31,33] mentioned
in Section 6. From these results we conclude that
the main PL peak in Fig. 21b has a DBE character.
Going back to Fig. 20b, and considering the energy
difference between the DBE transitions involving
residual donors and Si-donors, we can estimate
a binding energy of the excitons bound to neutral
Si—donors of 12-13 meV. Following the Hayne’s
rule [81], a Si-donor ionization energy of
60-65 meV is derived. There are several reports on
PL from Si-doped GaN that lead to similar ener-
gies. Data from Si-doped GaN/Al, O3, by Lee et al.
[74], agree quite well with our results, as it is shown

in Fig. 20b. Wickenden et al. [82] found a binding
energy of 8.6 meV for the exciton bound to Si-
neutral donors in GaN/Al,O; that leads to
a 43 meV ionization energy considering a factor of
5 generally assumed for donors [81]. Kawakami et
al. [83] report a bound exciton with a binding
energy of 11.6 meV asumed to involve acceptors,
but taken as a DBE emission as proposed by Orton
and Sakai [84], the Hayne’s rule [81] yields
58 meV for the donor ionization energy. In this
case, the GaN layers were nominally undoped, but,
as a matter of fact, Si is a common impurity in
MOYVPE and this possibility, although speculative,
should not be openly disregarded. Results from
temperature dependent Hall data in these layers
and in Si-doped GaN/Al,O; grown by MOVPE,
lead to Si-donor ionization energies about 50 meV,
in good agreement with values derived from PL
spectra analysis. A comparative analysis and dis-
cussion of the different values found in the litera-
ture for the Si-donor ionization energy are given in
Ref. [55].

AlGaN layers were also doped with silicon
reaching electron concentrations up to 8x
10'° cm™? for Al mole fractions up to 40% (a
Si-cell temperature of 1150°C). Beyond this Al%
value the doping efficiency drops sharply. For the
same Si-cell temperature (1050°C) that generates an
electron density of 3 x 10'® cm ™2 in GaN, AlGaN
layers with 46% Al have a much lower n-type
conductivity, and increasing the Al mole fraction to
76% Al leads to semi-insulating material. Mobility
values around 15 cm?/V s were measured in sam-
ples with electron densities of 8 x 10'° cm ™3, in
good agreement with previous values reported in
Si-doped AlGaN grown on 6H-SiC [85] by
MOYVPE and on sapphire by pulsed laser depos-
ition [52].

A decrease of the electron concentration in un-
doped AlGaN layers has been reported by Kahn
etal. [47] and by Lee et al. [86], leading to semi-
insulating crystals beyond 60% Al mole fractions.
Bremser et al. [51] reported a similar behavior in
intentionally Si-doped AlGaN layers for Al mole
fractions higher than 42%, but later on, the same
group reported on a Si-doped AlGaN layer with 58
Al% where the Hall electron concentration was
similar to the Si concentration measured by SIMS,
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in the 10'® cm ™2 range [85]. Several reasons have
been pointed out as possible explanations for an
electron density drop with the Al mole fraction:
(a) deepening of the Si-donor level with the Al%;
(b) formation of deep donors (DX centers); and
(c) compensation by acceptors. Concerning point
(a) arecent work by Katsuragawa et al. [87] shows
that the Si-donor ionization energy increases with
the Al mole fraction up to 20% following the hy-
drogenic model, but the authors show no data
beyond 20% to support or deny a sharp donor
deepening. The point is that the increase of the
donor depth with Al%, considering a hydrogenic
model, is monotonous and rather small, so that, no
sharp decrease of the electron density should be
expected. The transition of Si-donors to DX centers
in AlGaAs layers is well documented as the deepen-
ing of the substitutional donor by a lattice relax-
ation process upon electron capture (strong
electron-phonon coupling) [88,89]. This sharp
donor deepening for Al mole fractions near the
bandgap crossover in AlGaAs leads to a strong
reduction of the Hall electron density, that deviates
markedly from the true donor density derived
either from C-V or SIMS measurements (decrease
of ionization factor). This is not the case for the
Si-doped AlGaN layer with 58% Al content re-
ported by Bremser et al. [85]. Besides, theoretical
predictions suggest that Si-donors do not undergo
a DX transition in AlGaN [90,91]. On the other
hand, oxygen, assumed for some authors to be the
origin of the residual n-type conductivity in un-
doped AlGaN layers, was found to behave as a DX
center from theoretical predictions by Stampfl et al.
[90,91], and a simple experimental evidence may be
given by the presence of strong persistent photo-
conductivity effects at low temperatures [89,89]. If
this is the case, the negative-U character of the DX
centers, binding two electrons at the ground state
[88,89], must be considered as a further sink of free
electrons in samples where, both, intentional dop-
ing and oxygen contamination coexist [85]. Com-
pensation mechanisms may lead to a substantial
reduction of the free electron density, being possible
candidates carbon and/or point defects like Al and
Ga vacancies acting as triple acceptors, most prob-
able under N-rich conditions [90,91] and for Al
mole fractions near 50%.

8. Be-doped Ga(Al)N layers on AIN buffered
Si111)

7N purity metallic Be was used for p-type doping
of optimized GaN layers grown on AIN buffered
Si(1 1 1), raising the temperature cell from 700°C to
910°C. Fig. 22 shows PL spectra of some Be-doped
GaN layers together with a reference, undoped one.
The reference sample spectrum is similar to that
displayed in Fig. 19 dominated by an excitonic
emission at 3.466 eV, typical of layers under tensile
biaxial strain. Be-doped samples show, in addition
to this excitonic emission, a peak at 3.384 eV with
two-phonon replica that become more intense as
the Be concentration increases. The inset in Fig. 22
shows the SIMS Be concentration increasing expo-
nentially with the reciprocal Be-cell temperature.
The emission at 3.384 ¢V and its phonon replica
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Fig. 22. Low-temperature PL spectra of GaN layers with in-
creasing Be doping. The inset shows the Arrhenius plot of the Be
concentration from SIMS as a function of the reciprocal Be-cell
temperature.
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blueshift with increasing temperature and excita-
tion power, and time-resolved PL spectra reveal
strong non-exponential decays with very long life-
times [92,93], all typical features of a donor-accep-
tor pair (DAP) recombination. A similar behavior
has been already observed in Be-doped GaN layers
grown by MBE on sapphire [94]. Assuming a DAP
character for the emission at 3.384 eV and consid-
ering the presence of residual donors at 30-35 meV
[68,69], an acceptor ionization energy around
90-100 meV is derived, which is less than half
the value reported for the usual acceptors like Mg
and C [95]. Fig. 23 shows PL spectra of GaN
layers doped with C, Mg, and Be where the differ-

ences in acceptor energies are evident. A shallower
acceptor level for Be was theoretically predicted
by Bernardini et al. [96,97] at some 60 meV, in
agreement with theoretical predictions of hydro-
genic acceptor levels by Podor et al. [98] and by
Orton [99].

Data in Fig. 22 shows that, beyond a given Be-
cell temperature, the DAP signal at 3.384 eV tends
to saturate, whereas the amount of Be in the GaN
layer, measured by SIMS, keeps increasing. Simul-
taneously, a deep PL band centered at around
2.5 ¢V develops (Fig. 24a) and its integrated inten-
sity scales the Be concentration measured by SIMS
(Fig. 24b). This points to a saturation of the Be
incorporated as subtitutional in Ga sites, while the
excess Be relates to the deep band. This deep PL
band was early found by Illegems and Dingle [100]
in Be-doped GaN grown by vapor-phase epitaxy
(VPE) on Al,O; and by Pankove and Hutchby
[101] in Be-implanted GaN, and more recently, by
Salvador et al. [102]. Bernardini et al. [96,97] sug-
gested the formation of Be-related defects (Be;N»),
establishing a limit for the substitutional Be (Beg,)
around 10'7 cm 3. Neugebauer and Van de Walle
[103] proposed the complex Be-Vy as responsible
for this deep band and also pointed to the possibili-
ty of compensation by Be; acting as donors, based
on its lower formation energy as compared to Begs,.
Bernardini et al. [96] have also proposed that the
Be solubility may be enhanced by “catalysis” driven
by hydrogen or oxygen. Indeed, Brand et al. [104]
have reported a very high hole density
(5% 10'° cm™?) by codoping with Be-O in p-GaN
grown on GaAs, although, to our knowledge, these
results were not confirmed by other researchers.
Being Be the shallowest acceptor in GaN the point
is how to increase its solubility, either by codoping
or through techniques trying to avoid the complex
defect formation, but, so far, there is no clear evid-
ence about the actual chemical structure of such
defects.

Hall measurements in Be-doped GaN layers,
grown on top of thick (1 um) AlGaN buffers
to avoid the parallel conduction at the interface
due to interdifussion, revealed a highly resistive
behavior, but not a true p-type conductivity. Con-
sidering the n-type residual concentration around
2% 10'7 cm ™3 and assuming the Be solubility limit
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Fig. 24. (a) Low-temperature PL spectrum of a GaN sample
doped with Be. (b) Integrated intensity of the emission centered
around 2.5¢V in (a) as a function of the Be cell temperature.

calculated by Bernardini et al. [96,97], about
10'7 cm ™3, it seems reasonable to get semi-insulat-
ing layers. Mg-doping, although generating deeper
acceptor levels, presents a higher solubility in GaN,
leading to layers with a clear p-type conductivity.
Mg-doped GaN layers grown on Si(1 1 1) reveal
p-type conductivity, and a Mg: GaN/Si: AlGaN
LED heterostructure exhibits a blue-green emis-
sion at room temperature.

9. Summary

A review of the growth optimization, doping
effects, and transport and optical properties of wur-
tzite Ga(Al)N layers grown on Si(1 1 1) by plasma-
assisted MBE is given. High crystal quality is

achieved in GaN and AlGaN layers, with finger-
prints, like XRD-FWHM values, surface rough-
ness, residual n-type conductivity (2 x 107 cm™3),
and excitonic PL emissions comparable to most
Ga(Al)N layers grown by MBE on substrates like
sapphire and 6H-SiC. A strong and reproducible
change in crystal morphology is observed as a func-
tion of the I11/V ratio, leading to columnar, com-
pact, or mixed layers. Optimized, compact Ga(Al)N
layers are grown under III/V ratios close to
stoichiometry, these layers being under a biaxial
tensile strain of thermal origin. GaN layers doped
with Si exhibit very high electron densities
(2x10'? cm™?), and the role of Si-doping in the
growth mode leading to a significant dislocation
density reduction, by a factor of 10, has been estab-
lished. The Si-donor ionization energy derived
from PL and temperature-dependent Hall data,
around 50-60 meV, is significantly higher than
most values reported in the literature. Si-doped
AlGaN layers (with x < 0.4) reach very high elec-
tron densities (8 x 10'° cm ™ 3), but the doping effi-
ciency drops for Al% fractions higher than 40%.
The origin of this efficiency decrease, being similar
to that observed in MOVPE-grown Al1GaN/Al,O3,
is still unknown. Substitutional Be in GaN gener-
ates the shallowest acceptor known to date
(90-100 meV), but its solubility substituting Ga
atoms is rather small, as compared to that of Mg.
Further works aiming to increase this solubility, by
codoping or by é-doping or low-temperature dop-
ing, are underway.
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